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ABSTRACT: Recently (Macromolecules 2000, 33, 1385, 1396), we have proposed a novel algorithm for
generating entanglement network specimens of interfacial polymeric systems. The specimens are created
by sampling the configurational distribution functions derived from a self-consistent mean field lattice
model. Although overstretched strands can be relaxed by a Monte Carlo (MC) method, the specimens
generated are not in detailed mechanical equilibrium. In this paper, we develop a method for relaxing
the network with respect to its density distribution, and thereby imposing the condition of mechanical
equilibrium, without changing the network topology. Our method rests on minimizing a free energy
function characterizing the network, with respect to the coordinates of all entanglement points and chain
ends. Contributions to the free energy include (a) the elastic energy due to stretching of the chain strands
and (b) the free energy due to the repulsive and attractive (cohesive) interactions between segments. To
calculate the interaction energy, a simple cubic grid is superimposed on the network. The repulsive
interactions are calculated within each grid cell. The attractive interactions are calculated from
contributions between cells and within each cell. We first apply the free energy minimization procedure
to a simple system (bulk polypropylene) and obtain results which agree satisfactorily with experimental
data and serve as a basis for parametrizing the interaction model. The free energy minimization is then
applied to mechanically relax computer specimens of a polypropylene/polyamide6 (PP/PABG) interfacial
system, strengthened by PP chains grafted onto the PA6 surface. The fully relaxed networks serve as a
starting point for the mesoscopic simulation of fracture phenomena, caused by the application of tensile
stress perpendicular to the interface. The network is deformed at a constant strain rate and the network
topology evolves according to elementary mechanical processes of chain scission, chain slippage,
disentanglement, and reentanglement. Chain slippage across an entanglement point occurs according to
a Zhurkov activated rate equation with parameters derived from viscosity data. Each cycle of the kinetic
MC algorithm used to track the deformation process consists of the imposition of a small incremental
strain on the network, relaxation to mechanical equilibrium, introduction of the micromechanical processes
mentioned above, and again relaxation to mechanical equilibrium. The MC cycles are repeated until
fracture occurs. Results of the fracture experiments confirm the assertion, previously founded on structural
grounds, that optimal adhesion in the PP/PA6 system examined is achieved for a relatively low surface
grafting density of 0.1 chains/nm?.

1. Introduction

This work is the continuation of an effort’2 to develop
theoretical and computer simulation tools for predicting
the structure and mechanical properties of immiscible
polymer/polymer interfaces compatibilized by adding,
or forming in situ with appropriate chemical reactions,
a diblock copolymer in which each block is miscible with
one of the two homopolymers.34 We focus on the PP/
PA6 system, which has been the subject of several
experimental studies,*~% compatibilized with the reac-
tion product between PP-g-MA (maleic anhydride—
functionalized PP) and PAG.

In our previous work,?2 we have developed an algo-
rithm in order to generate coarse-grained entanglement
networks, representative of this interfacial system. This
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coarse-grained representation is based on the idea that
the ultimate mechanical properties of polymeric systems
are directly related to entanglements among chains.

To generate networks representative of the real PP/
PAG interfacial system, we have respected the informa-
tion provided by experimental data.>® We have consid-
ered a crystalline PA6 matrix (i.e., an equivalent “solid”
substrate) on which the PP chains of the compatibilizer
are terminally grafted, extending into a bulk PP phase
(i.e., a collection of free PP chains).

Adopting a coarse-grained (mesoscopic) model is
dictated by limitations in computer time for tracking
the length scales and time scales relevant to fracture
phenomena. Actually, two levels of coarse-graining are
utilized. First, a fully occupied lattice is used to repre-
sent the system of interest, the structure of the lattice
model being determined by a self-consistent field (SCF)
theory. Next, the structural information derived from
the SCF theory is used to build an entanglement
network model in continuous three-dimensional space.
In the lattice model, each chain species is viewed as a
sequence of Flory segments, each segment occupying
exactly one site. The Flory segment size is determined
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from the mass density and contour length of the
homopolymer species present, as detailed in ref 1. Chain
stiffness is also faithfully represented by introducing
appropriate intermolecular energetics. In ref 2, using
the one-dimensional information provided by the SCF
theory as a starting point, we developed an algorithm
in order to generate large, three-dimensional networks
representative of the interfacial region. In the network,
a chain is represented as a sequence of two ends and a
set of intermediate nodal points, the latter participating
in entanglements. Two chains come together at an
entanglement point. Chain ends and entanglement
points are referred to collectively as nodes of the
network. Our construction results in a set of nodes for
each chain, where each node has a specific contour
position along the chain, positional vector in three-
dimensional space, and pairing with another node if it
participates in an entanglement. The piece of chain
between two nodes is referred to as a strand. The
generated networks have been relaxed with regard to
stretching of the strands (see Monte Carlo methodology
developed in ref 2), but not with regard to the density
distribution; thus, they are likely to incorporate large
unbalanced stresses associated with excluded volume
and cohesive interactions. To relax the large density
fluctuations and bring the system to mechanical equi-
librium (i.e., a state in which the total force at every
node is zero), we have to minimize (locally) an ap-
propriately formulated Helmholtz free energy with
respect to all nodal positions.

In this work, we develop a methodology to estimate
the free energy of the coarse-grained network models.
Conformational and nonbonded interaction contribu-
tions are taken into account. The conformational part
comes from the stretched strands. The nonbonded
interaction contribution is divided into an attractive
part (van der Waals forces) and a repulsive part
(excluded volume interactions). To estimate these con-
tributions, the local segment density is needed. Once
the free energy function is known, mechanical equilib-
rium is imposed by minimization of the free energy with
respect to the positions of all nodes.

Deformation experiments are performed on the net-
work at a constant strain rate by a kinetic Monte Carlo
(KMC) scheme, inspired by the one developed in ref 7.
In the course of a simulation of deformation to fracture,
the topology of the entanglement network changes
through the introduction of elementary events (e.g.,
slippage of a chain past an entanglement point, chain
rupture) governed by rate expressions and rules which
are based on the reptation picture of polymer dynamics.
KMC simulations of simplified two-dimensional network
models have proved quite successful for addressing the
terminal properties of semicrystalline polymers in the
bulk,” thus providing justification for the use of repre-
sentations cast in terms of localized entanglement
points for modeling the large-scale deformation and
fracture of dense systems of interpenetrating chains.
Here, a much more detailed three-dimensional scheme
is developed, in which excluded volume interactions are
accounted for explicitly, mechanical equilibrium is
imposed throughout the deformation process, and no a
priori imposition of the Poisson ratio is required.

Typical sizes of the network system generated and
deformed in this work are 0.1 um on each side. The
number of chains can be as high as 20 000 and the
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Figure 1. Simple cubic grid superimposed on the network
specimen.

number of entanglement points as high as 130 000. The
simulation of larger systems is well possible with
currently available parallel computational resources.

2. Network Free Energy

General Assumptions. Our network consists of
chains, represented by specific points (nodes, i.e., en-
tanglements or ends) along their contour. All nodal
points have specific spatial positions. The initial contour
length between consecutive entanglement points on the
same chain is specified by the entanglement molecular
weight Mg (in this work, as in ref 2, M. = 6 kg/mol).
Note that, in the PP/PAG6 interfacial system, the value
for M. could be different, as all grafted and some free
chains are more ordered along the direction perpen-
dicular to the interface. However, as a first approxima-
tion, we use the bulk value because of lack of an
alternative approach. To relax the network without
changing its topology and thereby impose the condition
of mechanical equilibrium at the current topology, we
need to minimize the network free energy with respect
to the coordinates of the entanglement points and chain
ends. Contributions to the free energy include (a) the
entropic free energy due to stretching of the chain
strands and (b) the free energy due to the repulsive
(excluded volume) and attractive (cohesive) interactions
between segments. To calculate the interaction energy,
a simple cubic grid is superimposed on the network (see
Figure 1). The grid, which remains unchanged through-
out all simulations described here, partitions the net-
work into small cubic regions or cells. The edge length,
lg, of each cell is commensurate with the distance
between entanglements in three-dimensional space. The
repulsive interactions are calculated within each grid
cell. The attractive interactions are calculated from
contributions between cells and within each cell.

Initially, to test our method, we have applied the free
energy minimization procedure to a network represen-
tative of bulk isotactic PP at room temperature. With
the parameters we chose for the representation of
nonbonded interactions (see below), the results were
found to agree satisfactorily with experimental values
of the mass density, cohesive energy density, and bulk
modulus. Then, the free energy minimization procedure
was applied to mechanically relax the more complex PP/
PAG interfacial system.

Network Density Distribution. The local density
is calculated in each cell of the simple cubic grid of
spacing |y that is superimposed on the network. Each
strand of the network contributes to the local density
in a way which depends on the number of Flory (or
Kuhn) segments in the strand and on the spatial
positions of the ends of the strand.
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Figure 2. Strand “segment density clouds”. The segment
density inside each cell is calculated by superposition of
segment clouds.

Thus, the number density of monomers in a cell
indexed by W is given by a sum of contributions to that
cell from each strand of the network (see Figures 2, 3)
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where the sums are over all nodes (entanglement points
and ends) i and j and Ry is the position vector of the
center of the cell. The length of the strand between
nodes i and j is specified by ng;, the number of Kuhn
segments. The connectivity factor c;; is defined as

1)

)

n™K if nodes i and j are connected by a strand
0  otherwise

where n™K is the number of monomers per Kuhn
segment. In the above expression, © is the Heaviside
function. _
_The local strand segment density distributions p(R —
(Ri + Ry/2, IRj — Ril, nKij) are measured in Kuhn
statistical units (i.e. units that follow a random walk
statistics) per unit volume. They are conveniently
expressed in terms of a reduced strand density p as p =
nk;d/lk3. p is the density (in Kuhn segments per unit
volume) in the region specified by the position vector
R, due to a strand of length ny; Kuhn segments, given
that the start of the Kuhn segment 1 and the end _of
the Kuhn segment Nk, are fixed at positions R; and R;,
respectively (see Figure 3).

Local Density of Segments. In eq 1, the cell density
pw is expressed in terms of a reduced segment density
distribution p of a strand tethered at both ends. Fischel
et al.® have derived the exact solution for the end-to-
end distance distribution of freely jointed chain strands
and applied it to estimate the distributions of the
intermediate segments of the strands. Although the
exact solution is known, its implementation in the
problem studied here is computationally very expensive.
For some regions (for example, short distance between
the nodes and large number of Kuhn segments), it is
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Figure 3. Local coordinate system around a strand. The grid
shown is the one over which we perform the pretabulation of
the local density.

usually preferable to use approximate solutions (i.e., the
corresponding solution for a Gaussian chain strand),
which are less accurate (usually with few percent error)
but much less expensive computationally. In the present
work, we perform a numerical (very accurate) calcula-
tion of the local density distributions of tethered freely
jointed chains. In this calculation, a tethered strand is
represented as a sequence of bonds, the length of each
bond being equal to the size of a Kuhn statistical unit.
At fixed spatial distance between the two terminal nodes
and with known number of Kuhn segments in the
strand, we use Monte Carlo sampling in order numeri-
cally to compute and tabulate the segment density. We
start the Monte Carlo sampling with an equilateral V
shape for the strands (each side of the V connecting a
tethered end to a point on the perpendicular bisector of
the line segment connecting the tethered ends). “Pivot”
MC moves are used,®19 which entail rotations of ran-
domly chosen parts of the strand about the axis con-
necting their terminal segments. The rotation angle is
chosen randomly from 0 to 2:z. The pretabulation of the
density is performed for a strand with number of Kuhn
segments determined by the average molecular weight
between entanglements (i.e., 34 Kuhn segments). The
values used for the end to end distance ranged from zero
to full extension, with a constant interval between
successive values; results were pretabulated for a total
of 101 end-to-end distances. For intermediate values we
have proved that a linear interpolation is an excellent
approximation.

Because of symmetry of the distribution of tethered
chain segments about the axis of the end-to-end vector,
only two spatial coordinates are necessary in the pre-
tabulation: z, along to the end-to-end vector, and vy,
normal to it (see Figure 3). To find the density of a
strand at position R in space, with its first segment
beginning at R; and its last segment ending at R;, the
corresponding z and y values can be determined using
the dot () and cross (x) products of vectors (where the
origin for z and y coordinates is the position of the
midpoint of the distance between the tethered ends):

R +R,
(R——2 )(R R)
2= R, — Ryl )
_ R+R) _ .
(LS
- R, — Ryl

Moreover, we have shown that, for any number of
segments, a Gaussian scaling of the density with respect
to the distance between the tethered ends is valid for
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extensions up to some “upper limit” value, which
depends on the number of segments. For large number
of segments in the strand and small distance between
the tethered ends, this Gaussian scaling is confirmed
analytically.811 A linear scaling of the density with
respect to the distance between the tethered ends is
valid for extensions larger than this “upper limit” value.
Actually, for a given number of segments at extension
exactly corresponding to the “upper limit” value, Gauss-
ian and linear scaling are equally well applicable. By
linear scaling we mean that the reduced strand density
p at position (z, y) of a tethered strand of n2 segments
with ends at spatial distance R;,® from each other is
the same as p of a strand of nP segments with ends at
spatial distance R1,° = (nP/n?)R1,2 at position [(nP/n?)z,
(nb/n2)y]. By Gaussian scaling, on the other hand, we
mean that p(z, y) of a strand of n? segments with ends
a distance Rj,? apart is the same as p(z, y) of a strand
of nP segments with spatial distance between the ends

R12® = 4/(nP/n®) Ry.? at position («/(nb/na)z, \/(nb/na)y).
Our studies have shown that special care is needed for
strands consisting of a very small number of segments.
In this case, however, as we have to distribute in space
a very small number of segments, the results are
practically very similar, no matter what scaling is
adopted.

In our calculations, it is the reduced strand density p
that is pretabulated as a function of scaled z and y
coordinates, with parameter a nondimensionalized strand
end-to-end distance o

|z IR, — Ryl
P( h'| ! == hl)

h’
IKnKij KMk, IKnKij

Here h = 1 for linear scaling and h = 1/, for Gaussian
scaling and |R; — Rjl/(lknk;) takes values from 0.00 to
1.00 with step 0.01.

The local Kuhn segment density at R due to the
strand ij is calculated immediately, once the reduced
strand density is known:

. R*tR - - |z N,
P R—T,|RJ—Ri|,nKij)=p(l —c :]' h,a)l—;
KK KV'K; K

(4)

Free Energy Calculation. The free energy of the
network has three contributions: (1) the elastic energy
of the stretched strands; (2) the attractive interactions
between segments; and (3) the repulsive interactions
between segments:

A= z Aijentropy spring + ;Awrep + ;Awattr +

1<
VZV AW'Vattr (5)

i,j connected
W,V neighbors

where i and j represent the nodes (connected by a
strand) and the indices W and V specify the cells of the
grid used for spatial partitioning of the network.

The repulsive interactions (Aw"™P) act between seg-
ments within a grid cell. The attractive interactions act

Polypropylene/Polyamide Interface 511

between segments in the same cell (Ay?"") and also
between segments in adjacent cells (Aw v2).

Elastic Interactions. The elastic force between
connected nodes arises due to the retractive force acting
to resist the stretching of a strand. This force originates
in the decrease in entropy of a stretched polymer strand.
The Gaussian approximation can be used for most
extensions.® In this approximation, the force on node i
due to its connection to node j is'?

- . . R..
entropy string __ _ _ entropy spring __ I
Fy =— Vg Ay =3kgT —1 (6)

1
Ky K

where Rjj = Ri — R;.
For higher extensions the inverse Langevin ap-
proximation or an even more accurate functional de-
pendence, computed by simulation, could be used.
However, as the contribution of the elastic energy to the
total free energy is minor, such computationally more
expensive expressions were not implemented in the
present study. The elastic force depends on the coordi-
nates of the nodes, but it does not depend on the local
network density.
The corresponding expression for the free energy of
an entropy spring is
ic spri 3 (Ri;*Ry)
Aijentroplc spring _ 9 kBT ) 2]
nKijIK

= ™)

Repulsive Interactions. The repulsive force ensures
that the density distribution is such that segments do
not overlap. The simplest approximation is to identify
each segment with a hard sphere. The best known
equation of state of the hard-sphere fluid is the Carna-
han—Starling equation of state, fP/p = (1 +  + % —
73)/(1 — )3, with 8 = 1/kgT, P being the pressure, p the
number density, and # the packing fraction.

This equation of state provides an excellent fit to the
results of computer simulations over the entire fluid
range.

From this expression, a simple form is obtained for
the Helmholtz free energy in cell W:

ﬁAWrep
N

(4 — 377W2)
(1- 7IW)2

=In(p, A% — 1+ (8)

in which nw = (71/6)pwdns® is the packing fraction, pw
the monomer number density, and dys the hard sphere
diameter. The first three terms in the free energy
expression comprise the contribution from an ideal gas
of segments. In this expression, A = [h%/(2zkgTm)]¥2 is
the thermal wavelength of a segment, h is Planck’s
constant, and m is the mass of the segment treated as
a hard sphere. In dealing with repulsive and attractive
interactions, we take the chemical monomer as the unit
segment. In this case, the diameter dys of the hard
sphere representation of the PP monomer was treated
as a parameter, determined by fitting the mass density,
the cohesive energy density, and the bulk modulus of
bulk PP.

There are two terms in eq 8 that could cause problems
in our simulations. One is the term from the ideal gas
contribution, In(owA3) — 1. For very low densities, this
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term diverges (i.e., empty cells give a huge negative
contribution). To avoid unphysical complications from
the almost empty cells at the edges of our sample, we
introduce a cutoff density. Below this cutoff there is no
contribution to the free energy. The other problem has
to do with the fact that, if used for packing fraction
larger than unity, eq 8 gives a free energy that is a
decreasing function of the packing fraction (last term
(4nw — 3nwdI(L — nw)?). Since such unphysically high
values of ny may be encountered in the initial stages of
our minimization, we need to correct for this by assum-
ing a reasonable continuation of the free energy func-
tion. The simplest solution, adopted here, is to assume
that the free energy has a constant value for packing
fractions greater than unity [we use Aw"P(nw = 0.99999)
as this constant value].

Attractive Interactions. The attractive interactions
add to elastic spring forces to increase the cohesion of
the material. Since attractive forces are weaker and
longer range than repulsive forces, a mean field repre-
sentation of the density of segments within a lattice cell
provides a sufficient level of approximation. The attrac-
tive interaction potential scales inversely with the sixth
power of the separation distance (London dispersion
forces). The net attractive interaction potential between
the segments of cells W and V, centered at Ry and Ry
respectively, is calculated by integration of the pair
interactions between volume elements in the two cells

attr __
AW \Y -

| | | I | |

Rt~ fRw+—~ fRuw+= [Rut= [Ry+= [Ry+—

— pwPy 2 2 2 2 2 2
Iy Iy Iy Iy Iy Iy

Rxw*E Ryw*z sz*z va*z Ryv*E sz*z

. _ o 6 _ _
4eO(R'y, — R'y| — dpg)| =——=—| dR'y, dR'y (9)
IR'w — Ry

where € and o are Lennard-Jones (LJ) parameters.
The O-function expresses the fact that segments in
adjacent lattice cells never get closer than the hard core
diameter.

As the density is constant within each cell, the
integral depends on the distance between the cell
centers and on the relative arrangement of the cells.

Consequently, the integration may be performed
numerically and tabulated for each kind of cell arrange-
ment as

IW,V_
Rt 2 R+ 2 Rt (Ru+2 Ryt Ryt S
_4€0LJ6f XW sz yw sz 2w sz XV sz W sz v |2
g g g g g g

Rxw*z Ryw*z sz*z va*z Ryv*z sz*z

(ﬁﬁr_l)a O(R'y — R'y| —dyg) dR'y, dR',, (10)
w \%

This integral depends only on |Rw — Ryl|/o s, dusl/oys,
and lg/o_;. The result of such an integration is usually
called a Hamaker constant in colloidal chemistry.® For
first neighbor cubes there are three types of arrange-
ments: sharing a face (distance between cell centers
equal to the length of each edge, lg), sharing an edge
(distance between cells equal to «/E/Ig) and sharing a
corner (distance between cells equal to x/§lg).

For attractive interactions between segments belong-
ing to the same cell, the same procedure can be used;
again the interactions must be constrained, such that
the two volume elements (within the same cell) are
never closer than dys. These integrations may be
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performed numerically and tabulated as Iy (same for
all cells), where

— _ 6
ly = —4eo 5 x
IQ Ig Ig Ig Ig Ig
Rw+= [Rw+= [Rw+= fRwt= [Rw+= [Rw+—
zf 2f 2f 2f zf 2
WL RIS RS TN, TN R . |
XW 2 yW 2 ZW 2 XW 2 yW 2 ZW 2
1 Vo(R,, - Ryl - d,)dR',dR", (11)
Ry — R w w HS w! w
w w

This integral is solely a function of dus/oLy and lg/og ;.
Thus, the attractive interactions reduce to the simple
form:

1
AT = %Pw’_ Z lwvey + |wa] (12)
2 V neighboring W

One may ask if we could use an integrated version of
the repulsive part (which scales inversely with the 12th
power of separation distance) of the Lennard-Jones
potential to describe repulsive interactions within each
cell, as we do for attractions. Exploratory calculations
have confirmed what is known from liquid theory,
namely that an integration (mean field treatment) of
repulsions results in interactions which are not strong
enough, and therefore a more explicit treatment of
repulsions (incorporated here through our use of the
Carnahan—Starling free energy) is necessary.

Minimization of the Free Energy. To relax the
network fully, we need to minimize its free energy with
respect to the positions of entanglement points and end
points. The minimization procedure is driven by the
derivative of the free energy with respect to each
independent variable (here, the spatial coordinates of
entanglements and end points). The minimum corre-
sponds to the vanishing of all derivatives. The numerical
estimation of the derivatives by taking finite differences
of the free energy is a very time-consuming procedure,
as calculation of N partial derivatives requires N
calculations of the free energy (N = number of inde-
pendent variables). We can either try to bypass the
calculation of the derivatives by adopting a numerical
minimization method where derivatives are not explic-
itly required, or develop a fast, semianalytical scheme
for the numerical estimation of derivatives in a much
less expensive way. Minimization methods that do not
require the estimation of the derivatives (a prototype
being Powell's method!?), require storage of order N2.
This is so demanding in computer memory that it
proved impractical with the computational facilities we
had available. The only practical solution based on
Powell’'s method was to partition our network specimens
into subdomains, whose free energy is minimized sepa-
rately. This piecewise minimization has to be repeated
several times, switching the domain boundaries to
include regions that were not used in past iterations,
until any new iteration does not alter the values of
calculated physical properties. On the other hand,
conjugate gradient methods'* require storage only of
order N, but require partial derivatives. We have
developed a semianalytical scheme for obtaining the
derivatives in a fast and accurate manner, while cal-
culating the free energy. As mentioned above, the free
energy is calculated by means of the pretabulated local
densities in the grid cells. Similarly, it is much faster if
one calculates the derivatives of the free energy by
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means of pretabulated derivatives of the segment densi-
ties contributed to the various cells by each chain
strand.

The derivative of the free energy with respect to the
coordinates of a node i is

% = VFQIA — VﬂlAentropy spring + VﬁiArep + VﬁlAattr —
i
9A., fep
Z Vﬁ A__entropy string 4 % w Vﬁ ow +
SN B
jconnéTedtoi ! Ipw !
E)A attr 8A attr
W W,V
Z Veew t z —— Vaow T
Ipw ' = dpw '
W neighboring V
8A attr
W,V
Tvﬁipv 13)
\%

From the analytic expressions of the attractive and
repulsive contributions to the free energy (eq 8 and eq
12), we readily obtain the derivatives of AP and Aattr
with respect to the density (pw) of each cell. Similarly,
eq 6 gives us the entropy spring part of the force on i,
since the corresponding free energy depends directly on
the distance vector R;jj. Therefore, for the calculation of
the derivatives of the free energy we need only the
gradients of the_ local densities with respect to the
position vectors R;. The segment density of each cell is
calculated from the contributions of all stands that have
part or all of their “density cloud” inside the cell (eq 1,
see Figure 2).

Itis obvious from eq 1 that, to estimate Vg,ow, we need
the derivatives of the reduced segment density (p):

~[ z y _ ap
Vs , ol = Vaz +
R (IKnKh " ) (8(z/IKnKh) R
a—phvﬁ_y + @Vﬁjﬁ- 1
C\Z4PUPO I o

|'| (14)
The derivatives of the reduced strand segment density
with respect to the scaled variables z/lxnk", y/lxnk™ and
o are calculated numerically and tabulated. The gra-
dients of z, y, and |R;j| with respect to the internodal
distance vector are calculated analytically using the
geometric relations, eq 3.

Relaxation of Bulk PP Network. To describe
realistic bulk PP and PP/PA6 systems, we have to deal
with the semicrystallinity of PP. The most accurate way
to do this would entail an explicit introduction of the
semicrystallinity from the very beginning (i.e., genera-
tion of representative model systems containing crys-
tallites).’> Here we follow a simpler route. In our
existing model, we deal with semicrystallinity by “ad-
justing” the model parameters so as to reproduce the
actual properties (density, cohesive energy density,
elastic constants, viscosity in the melt state) of isotactic,
semicrystalline PP. Model parameters are thus deter-
mined by comparison with experimental thermodynamic
and deformation data on bulk semicrystalline PP
samples.

In our simulation of bulk isotactic PP, we work at
room temperature, since all mechanical experiments are
performed at room temperature. At this temperature,
we have to assign new values to the Flory segments and
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to the bending energies (relative to those used in our
SCF calculations), as both density and stiffness depend
on temperature. We estimated the experimental specific
volume of PP as an arithmetic average between the
specific volume of a fully crystalline PP and of a rubbery
amorphous PP (i.e. for a semicrystalline PP of 50%
crystallinity, assuming additivity of the crystalline and
amorphous regions with respect to the volumel6.17),
Thus, the experimental value of the density is about
0.900 g/cm?3. The corresponding length of Flory segment
is 5.51 A. The value used here for the characteristic ratio
(C.) is 6.5.28 On the other hand, the structure of the
network is determined using the weighting factors
derived at the melt temperature of ~500 K, where the
samples were prepared (see experimental work reported
in ref 5).

Important interaction parameters of our coarse-
grained network model, which we have to specify, are
the LJ energy ¢, the LJ length o3, and the hard-sphere
diameter dus. The well of the LJ potential used to
describe attractive interactions between monomer units
is attained at a distance of 2Y6g| ;. The parameter dus
is the diameter of the hard spheres representing mono-
mer units, used in calculating the repulsive free energy.
As a first approximation (in order to minimize the
number of parameters) we assume that the two lengths
dus and oy have equal values. Thus, we have to set ¢
and o so as to reproduce the properties of isotactic PP
at room temperature. The cohesive energy density,
defined as the increase in energy per volume if all
intermolecular forces are eliminated, is estimated as
A2t/\/q at the state of minimum free energy (mechanical
equilibrium) of the network. Also, the isothermal com-
pressibility («T) is calculated from the second derivative
of the free energy with respect to the volume. The latter
is estimated from the minimal values of the free energy
attained in specimens fully relaxed at volumes Vy — AV,
Vo, and Vo + AV.

2
Kt aV7v=v,
¥ AV, + AV) + AV, — AV) — 2A(V,)
0 AV 2

(15)

The experimental value'®17 of the isothermal compress-
ibility is about 3.5 GPa. We have implemented our
network generation methodology for samples of bulk
isotactic polypropylene of different sizes, all filled with
monodisperse chains (600 Flory segments each).

We minimized the free energy of the network speci-
mens according to the algorithm described above, as-
suming various values of the parameters, in the range
2.0—5.0 A for o, and in the range 0.10—0.70kgT for ¢
(T being the temperature, here 300 K). These values
are in the range of the parameters used in ref 19 for a
more detailed simulation of PP. One should point out,
however, that our parameters here refer to entire
monomers and not to united atoms (CHy, x = 1, 2, and
3) as in ref 19.

For most values of the parameters examined, the
entropy spring free energy did not exceed 10% of the
attractive energy. Moreover, for values of the parameter
o in the range 3.5—5.0 A and independently of the ¢
value, the density distribution in our bulk PP became
homogeneous. After extensive investigations we have
concluded that best agreement between calculated



514 Terzis et al.

Table 1. Densities of Monomers in Cells, before and after
Minimization of the Free Energy, for a Bulk Specimen of
PP Composed of Monodisperse Chains

density in cell in g/cm3

cell position® before minimization after minimization

(1,1,1) 0.812 0.891(9%)¢
(2,5,2) 0.734 0.894(18%)
(3.8.4) 0.934 0.903(4%)
(4,4,1) 0.788 0.896(12%)
(5.5,6) 0.767 0.898(15%)
(6,4,4) 0.911 0.899(1%)
(7,3,10) 0.901 0.911(1%)
(8,7,1) 0.866 0.890(3%)
(9.5,6) 0.799 0.899(11%)
(10,1,9) 0.876 0.899(3%)

a The length of each chain is 600 Flory segments (~54 kg/mol).
The number of chains was 1243; the system dimensions in the
relaxed state were 500 A x 500 A x 500 A.  Results given only
for a few cells. Total number of cells is 1000. ¢ Percent change in
density.

values of the density, cohesive energy and bulk modulus
based on our network model and the experimental
values for bulk PP is achieved for ¢ = 0.43kgT and o ;
= 3.6 A. For these values of the parameters we obtained
a relaxed specimen density p = 0.898 4 0.002 g/cm?,
cohesive energy density (attractive interaction/volume
of the specimen) = 290 £ 40 J/cm?3, and isothermal
compressibility (from introducing 1% change of the
volume in either direction, and reminimizing the free
energy, according to eq 15) = 3 + 1 GPa.

The final configuration of the sample is characterized
by a uniform density of segments (see Table 1). In
addition, we checked if our final equilibrated network
configuration exhibits density fluctuations (last column
in Table 1) consistent with the estimated bulk modulus.
A Gaussian distribution of the number density among
the cells was observed. The following relation relates
the bulk modulus B, which is the inverse of the
isothermal compressibility (1), to the density fluctua-
tions in an equilibrium system:2°

kgT
1 7 1 (16)
K Vo (%)2
3

V, is the volume of each cell (equal to Ig%), T is the
temperature, p is the average number density, and Ap
is the density fluctuation, specified by the width (stan-
dard deviation) of the Gaussian distribution. The value
of the bulk modulus estimated in this way is about 3.2
GPa in excellent agreement with the estimate obtained
from the direct small-strain hydrostatic compression—
tension calculations reported above. In addition, we
have used bulk simulations to estimate the Poisson
ratio. The Poisson ratio v is formally defined as the ratio
of the true strain in the transverse direction to the true
strain in the longitudinal direction in a uniaxial tension
experiment. It can be calculated by the following
expression:?!

Caf, 1wy _af, 1 [V(e+ Ae) — V(o)
- E’l v( ae)] B 2[1 V(e\ Ae ) !
(17)

€ is the engineering (nominal) strain (L — Lg)/Lo, where
Lo is the original (undeformed) sample length and L is
the length after the uniaxial tension is imposed. In eq
17, V(e) is the volume of the relaxed (free energy
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minimized) specimen at strain ¢. From our simulations,
using €’'s from 1%—5%, we estimated a Poisson ratio of
~0.45. From the experimental values'® of bulk modulus
(B = 3.5 GPa) and shear modulus (G = 0.7 GPa), using
B = 2/3G[(1 + v)/(1 — 2v)], one obtains v ~ 0.41, which
is reasonably close to, but lower than, our estimated
value. Once the Poisson ratio and the bulk modulus (B)
are known, one can estimate the Young's modulus using
the expression?? E = 3(1—2v)B. In this way, we esti-
mated Epyk = 0.9 £+ 0.3 GPa, which is comparable to
experimental values!®22 reported for bulk PP, which are
in the region between 1.1 and 2GPa.

By performing direct uniaxial tension experiments on
bulk PP specimens we estimated Ep ik = 0.7 £0.1 GPa.
Using the relation E = 3(1—2v)B, this gives v = 0.46.

It is important to point out that our results are
insensitive to variations of the cell size l4, once we have
achieved the free energy minimization. We start our
minimization procedure with cell size such that in each
cell three to eight nodes are included. We decrease the
size of each cell gradually. We end up with cells that
include on the order of one node each.

Network Deformation. A fully relaxed network is
deformed at constant strain rate according to a kinetic
Monte Carlo (KMC) algorithm.” The strain is imposed
in small steps, after each of which the system is allowed
to relax to mechanical equilibrium. At each step,
microscopic deformation processes that change the
topology of the network are allowed to occur. Prominent
among these is chain slippage across an entanglement,
which is governed by a “Zhurkov-type” activated rate
expression?® depending on the local stress situation
around the entanglement. Following the KMC simula-
tion of elementary deformation events, the system is
allowed to relax anew to mechanical equilibrium. A new
incremental strain is then imposed and the cycle is
repeated, until the specimen breaks (see Figure 4).

The micromechanisms allowed in the simulation of
deformation are translation of entanglements and end
points in space, which occurs simply in the course of
minimization of the free energy, chain slippage across
an entanglement, chain disentanglement, chain reen-
tanglement, and chain scission.” The procedure used to
implement the latter four processes is described below.

«Chain slippage corresponds to motion of an entangle-
ment point along the contour of a chain without
displacement of the entanglement point in space (Figure
5). Two of the four strands emanating from an entangle-
ment are involved in a slippage event. One strand
increases in length by a Kuhn segment and the other
decreases by the same length. The difference in force
experienced by the two strands involved acts to decrease
the activation energy for changing the strands in a
direction that relieves the force differential. The rate
constant of an elementary slippage event is given by
an equation similar to the one invoked in ref 7:

E* — IAF;
Kiip = Ko EXD[_ kB—Tp] (18)

The required parameters E* and ko are estimated
following a procedure that will be described in the next
paragraph. To calculate the driving force for slippage,
AFsjip, we have to calculate the forces on the central
entanglement point due to each of the two strands that
are involved. The total (entropy spring, repulsive, and
attractive) force due to a specific strand is computed
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Figure 4. Logical diagram of the deformation simulation
algorithm. By “other micromechanism processes”, we mean
disentanglement, reentanglement, and rupture of bonds.
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Figure 5. Schematic representation of chain slippage. Spheres
represent nodes (end points or entanglements) and chain
strands are represented by curvilinear segments. Slippage
occurs along the direction specified by the arrow (left-hand side
figure). After slippage, the strand AE is shorter by one Kuhn
segment and the strand EB is longer by one Kuhn segment
(right-hand side figure). The top chain strands (CE, ED) do
not change contour length or number of segments during chain
slippage. The sphere corresponding to the entanglement point
(E) between the top and the bottom chains, across which
slippage occurs, has been omitted for clarity. The position of
the entanglement point remains unchanged.

from the derivative of the free energy with respect to
the coordinates of the entanglement point (egs 13 and
14), assuming that the infinitesimal displacement of the
entanglement point affects only the specific strand. The
direction of the force is generally not parallel to the
strand (treated as linear segment); only the entropy
spring force always acts along the strand. The slippage
force, AFsip, is the projection along the tangent of the
slipping chain of the total force on the entanglement
point due to the two adjacent strands (see Figure 6).
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Figure 6. Schematic representation of slippage force, Fgiip,
on the chain segment AEB defined as the component, along
the tangent to the chain at E, of the total force acting on the
entanglement E due to the two adjacent strands EA and EB.
In this figure, linear segments represent strands. The slippage
force lies in the plane AEB, defined by the slipping strands,
in a direction normal to the bisector of angle AEB. As in Figure
5, the sphere corresponding to the central entanglement point
has been omitted for clarity.

Yo/
A"

Figure 7. Schematic representation of chain disentangle-
ment. Nodal point A of chain AEB is a chain end. Strand AE
of chain AEB is one Kuhn segment long or less. Slippage of
AEB in the indicated direction leads to elimination of en-
tanglement point E. After chain disentanglement, the number
of entanglement points in the network decreases by one and
the number of strands by two.

«Chain disentanglement occurs when chain slippage
allows an end to slip past an entanglement point (Figure
7). A reverse, reentanglement process occurs when two
strands attempt to pass through each other. Free end
strands and interior strands may reentangle with other
strands to form new entanglement points. The tracking
of reentanglements is implemented on a purely geomet-
ric basis by examining all pairs of strands at close
distances. Strands reentangle as a result of node
displacements after the end of each minimization pro-
cedure. Initially (just before minimization), we form the
shortest distance (common perpendicular vector) be-
tween a pair of neighboring strands, envisioned as
rectilinear segments. After minimization, we reform the
distance vector and check for distance vectors that have
reversed their direction. Direction reversal signals that
a reentanglement has occurred. The new entanglement
point is taken as the point where the rectilinear seg-
ments representing the strands intersected (practically,
as the midpoint of the distance vector after minimiza-
tion; see Figure 8). A similar procedure has been used
by Padding and Briels?* to track entanglements in the
course of dynamic simulations of polymer melts.

«When a strand is stretched to its contour length, the
strand is assumed to break. Chain scission entails
breaking of a covalent bond along the backbone of the
chain, because the tensile force along the chain over-
comes the force holding the bond together. When the
strand is overstretched, all the bonds along the chain
feel the same force. Consequently, the position for the
breaking bond is chosen randomly along the strand
contour. A chain scission event generates two new end
points in the network.
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Figure 8. Schematic representation of chain reentanglement.
If, in the course of the displacement of nodal points A, B, C,
and D the minimum distance vector between the strands CD
and AB, represented as linear segments, changes direction,
chain reentanglement (emergence of a new entanglement point
E) takes place.

Kinetic Monte Carlo Algorithm. The deformation
entails three basic types of computation: straining of
the system, relaxation to mechanical equilibrium, and
KMC sampling of the micromechanisms (see Figure 4).

The initial system configuration is a relaxed, unde-
formed network (free energy A at a local minimum). An
incremental strain is imposed on the boundaries at each
step. The incremental strain imposed is equal to the
constant strain rate times the time increment (At). In
imposing the incremental strain, a large section of the
top boundary elements is held rigid (“clamped” region,
see Figure 9). The size of the “clamped” region is chosen
such that each free chain has at least one entanglement
point in this region. Its width is approximately equal
to the radius of gyration of the free chains. In introduc-
ing the small strain, all interior nodes of the network
are displaced affinely in the z-direction, normal to the
interface.

After the incremental strain is imposed, the network
is allowed to relax to mechanical equilibrium by mini-
mizing the free energy A. The resulting relaxed network
configuration is not affinely deformed, since the chain
strands are not all of the same length and fluctuations
in density induce local inhomogeneities in attractive and
repulsive forces. After relaxing to mechanical equilib-
rium, and for a time At, the elementary processes
(micromechanisms) modifying the network topology are
allowed to occur in parallel.

As in our model of elementary micromechanical
events we have only one process (chain slippage) which
is described by an activated rate expression, the defor-
mation simulation is performed for fixed ko At (ko =
koe BT, ko being the frequency factor and E* the
activation energy for slippage), i.e., using 1/ko as the unit
of time. This means that ¢/ko, rather than ¢, is actually
set in the simulation. Then the number of slippage
events expected to occur for a specific pair of strands
across a specific entanglement point within the time
interval At is given by ko At e~ AFsipiksT, where index i
designates the particular pair of strands and entangle-
ment point considered. The total number of slippage
events expected to occur within the interval At is ko At
(S ie 'AFaip/ksT) (Poisson process). The probability that
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Figure 9. Tensile deformation imposed on a macroscopic PP/
PA6 sample at constant strain rate ¢. Grafted chains are
represented in red color and free chains in green. At the
bottom, the specimen is physically clamped by the “solid” PA6.

a particular slippage event i will occur is

eflKAFslip.i/kBT
Pi = (19)
Ze*h(AFS”pvi/kBT

In our simulation we first determine the total number
of events to occur in the current step and then pick the
particular events according to {pi}. Moreover, the
disentanglement, reentanglement, and rupture events
are introduced after the simulation of slippage (second
minimization). By repeating this series of stepwise
calculations many times, we produce stress—strain
curves. The engineering stress is calculated from the
total force on the nodal points contained in the “clamped”
region (which is practically identical to the force on the
PAG6 substrate).

Parameters for Deformation Simulation. An
estimation of the slippage rate parameters E* and kg is
necessary in order to set the absolute time scale of our
computer experiments. We can arrive at these estimates
as follows:

If we consider a very weak driving force (i.e. IkAF/
ksT < 1), the slippage rate becomes

E* — IL.AF;
zkoexp——'(s"p ~

K ke T

slip

I AF
K li
Ko exp[ K T” K -F p] = Kaitr T Karag (20)
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The term Kgirr(=ko exp[—(E*/kgT)]) is related to the self-
diffusion along the contour of the chain (i.e., it estimates
the rate for slippage in both directions along the contour
due to random forces, which are present even at
equilibrium). The second term Kgrag(=ko exp[—(E*/ksT)]-
(IkAFsiip)/(keT)) is related to the force-induced dragging
of chain segments in a linear regime, where the slippage
rate is proportional to the driving force. Kgirr and Kgrag
can be related directly to the Rouse-reptation picture
of polymer dynamics (see Appendix A). By matching the
Rouse self-diffusivity of the chain along its contour with
kgitr, we obtain the following expression: p/(36Mo) [RT/
(7/N)unentangled] = Ko exp[— E*/kgT], where p is the mass
density, My the molecular weight of each Kuhn statisti-
cal segment, N the number of Kuhn segments per chain
in an unentangled melt, and 5 the melt viscosity at the
prevailing temperature. Exactly the same expression is
obtained by matching Kqrag to the Rouse friction coef-
ficient, ¢ (see Appendix A). To estimate the activation
energy (E*) and thermal vibration frequency (ko), we
need a model to describe the temperature dependence
of the viscosity (). The procedure followed for this is
described in Appendix B. The time interval (At) can
either be chosen fixed, or it can vary as the simulation
progresses. In both cases, the following relation can be
used to pick an appropriate At for the KMC simula-
tion: At O ko max {exp[—IkAFsipi/(keT)]} where index

i runs over aI'I pairs of successive strands at all
entanglement points in the system. By testing the
constant At and the variable At approach against each
other, we have concluded that the results are very
similar. We use the constant time interval approach,
as it is more convenient.

3. Results

Mechanical Properties. In the study of the PP/PA6
interfacial system we assume that the energy param-
eters of the PP phase (¢ and o;) have the same values
as the ones extracted from our calculations of density,
cohesive energy density, and small strain mechanical
response of bulk PP. Assuming a generalized WLF-type
expression for the viscosity (eq B4) with parameters
from ref 16, we derive estimates for the slippage
activation energy E* and for the frequency of thermal
vibrations ko. As explained in detail in Appendix B, the
literature values for PP properties we invoked as input
for the KMC simulation are: glass transition temper-
ature Ty = 253 K, activation energy for viscosity E, ()
= 44 kJ/mol and critical molecular weight for entangle-
ments, based on viscosity, M = 7 kg/mol. The molecular
weight of a Kuhn segment is 0.174 kg/mol (derived from
Mo = [I/(2lp Sin(0p/2))]M, where My, is the molecular
weight of PP monomers, I, = 1.54 A is the skeletal bond
length, and 6, = 112° is the skeletal bond angle). The
parameter values derived and used in the present work
are E* = 11.2 kcal/mol for the slippage activation energy
and ko = 4.8 x 1012 s71 for the frequency factor. A value
of 1012 s71 is usually assumed a priori for ko; see refs 7
and 15. For comparison, the E* value used in ref 7 for
polyethylene was 20 kcal/mol.

The time interval (At) was set at 0.001 s. We mainly
report the true stress, defined as the ratio of measured
force to the actual cross sectional area (r = F/S, F force,
and S cross sectional area). The engineering (nominal)
stress g is defined using the cross sectional area of the
undeformed specimen Sy. As in our simulations the
cross-section varies through out the specimen, we have
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Figure 10. True stress—draw ratio curves for sample with
Mn? = 40 kg/mol (molecular weight of grafted PP chains) and
Mnf = 60 kg/mol (molecular weight of free PP chains), both
grafted and free chains being monodisperse. The size of the
sample is 45 nm x 45 nm x 70 nm, the total number of chains
is 1300, and the surface density of grafted chains is 0.10 nm~2,
The dotted line corresponds to a deformation at strain rate
1% per second and the solid line corresponds to a deformation
at strain rate 10% per second.

computed S as the average cross section, i.e., as the ratio
of the total volume to the height of the specimen.
Figure 10 shows the true stress—strain curves that
were calculated from deforming an interfacial specimen
at two different strain rates (4, namely 1% and 10% per
second based on the initial height of the specimen). The
draw ratio 1 (A = 1 + ¢) is used as the abscissa. The
network consists of monodisperse grafted chains of
molecular weight 40 kg/mol and monodisperse free
chains of molecular weight 60 kg/mol. The size of the
specimen in the undeformed state is 450 A x 450 A x
700 A, the total number of chains is 1300 and the
surface density of grafted chains is 0.10 nm~2. A stress—
strain behavior typical of semicrystalline polymeric
systems is observed. Initially, the stress—strain curve
displays a linear (elastic) region. One can estimate a
Young’'s modulus for the interfacial specimen as E =
(07/04),=1. In this way, an apparent Young's modulus for
the PP/PAG6 interfacial specimen is estimated (from
Figure 10) as about 0.49 GPa, which is smaller by
roughly a factor of 2 than the moduli usually reported
for bulk polymers (see refs 16, 17, 22, and 25) and then
the value found in our bulk PP simulations (~0.7 GPa).
At larger elongations, the stress—strain curve of Figure
10 shows a yield point (first maximum in the stress—
strain curve, 1 ~ 1.3). Beyond the yield point, a strain
hardening region sets in. The overall drawability of the
material is rather high and the sample breaks at a high
draw ratio (i.e., about 2.95). From the same figure, it is
observed that the stress—strain curve obtained by
applying higher strain rate shows more strain harden-
ing and breakage at a lower draw ratio. From the point
of view of the simulations, this is expected, as higher
rate elevates the yield stress. This is also in agreement
with experimental results.26 If we compare Figures 10
and 11, where the surface density of the grafted chains
is different (o = 0.40 nm~2), we observe that the sample
with ¢ = 0.10 nm=2 is more drawable. This is in
accordance to what was predicted in our previous paper
(ref 2), where a maximum of the adhesion was expected
for 0 = 0.10 nm~2. Careful examination of the results
leads to the following insight and rationale for the
observed behavior and for the marked differences in the
stress—strain behavior between the two samples. The
initial linear region corresponds to the elastic behavior.
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Figure 11. True stress—draw ratio curves for sample as in
Figure 10, but here the total number of chains is 1600 and
the surface density of grafted chains is 0.40 nm~2. The size of
the sample is 45 nm x 45 nm x 70 nm. The dotted line
corresponds to a deformation at strain rate at 1% per second,
and the solid line corresponds to a deformation at 10% per
second.

It occurs for low values of elongation (less than 20%).
In this regime, there is no breaking of bonds, and there
is very little chain slippage. The strands are mainly
behaving as elastic springs, with entanglement nodes
redistributed upon deformation almost affinely. In ad-
dition, in this region an almost uniform distribution of
the local stresses is expected. As we increase the strain
(at constant strain rate) the linear behavior terminates
at the yield point. Now there is no affine response to
incremental increase of the sample length. Bond rup-
ture, chain slippage, chain disentanglement, and chain
reentanglement are contributing significantly. There
may be local regions of high stress due to the existence
of strands of unequal length (shorter chain segments).
The drawing region and the strain hardening region are
dominated by the chain slippage process. To confirm this
we have performed exploratory calculations, assuming
that the slippage process is not present. We have
observed (not shown here) a much less drawable be-
havior of the sample with a much sharper strain—
hardening effect. Finally, there is a region, beyond the
maximum in 7, where the sample shows a constant
decrease of the stress until the specimen is separated
in two. In this region we mainly have breaking of the
bonds and chain disentanglements. Once some bonds
break, the local stress in the vicinity increases, which
results in an increase in the bond breaking and slippage
of the other strands. Visual observation of our specimens
reveals that fracture occurs at the interfacial region,
where grafted and free chains interpenetrate (see Figure
12). The last observation explains why the specimen of
the small surface grafting density® (¢ = 0.10 nm™2) is
more difficult to break compared to the sample of
modest surface grafting density (¢ = 0.40 nm™2). As
shown in our previous work, the number of entangle-
ments between grafted and free chains goes through a
maximum at ¢ = 0.10 nm~2, and therefore optimal
adhesion is expected at this surface grafting density
(refs 1 and 2). By running simulations with different
initial configurations, we have shown that stress—strain
curves are quite reproducible. The effects of changing
the molecular weight and its distribution are currently
under investigation. Preliminary results reveal a ter-
minal mechanical behavior in agreement with what is
expected from the structural results reported in refs 1
and 2.
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Figure 12. Three-dimensional visualization of an entangle-
ment network with Mp9 = 40 kg/mol and M,f = 60 kg/mol (both
monodisperse) and with low surface density of the grafted
chains (o = 0.10 nm~2). Strands are represented as rods.
Grafted chains are represented in red color and free chains in
green. The specimen consists of 1300 grafted and free chains
(45 nm x 45 nm x 70 nm): (a) generated network after free
energy minimization (relaxed network); (b) same network at
draw ratio of 2.5; (c) network at a draw ratio of 4.0, after
fracture has occurred.

4. Conclusions

The present study and the work reported in refs 1
and 2 embody simulation efforts aimed at establishing
links between different levels of description, and thereby
addressing different windows of time and length scales
in the terminal mechanical behavior of interfacial
systems containing polymers. Each level of modeling
receives input from more fundamental levels and pro-
vides input to more coarse-grained ones. Our present
work concerned modeling structure and adhesion at
polymer/solid interfaces strengthened with block co-
polymers. The first step in this approach was to estimate
the compositional and conformational profiles of all
macromolecular species present in the interfacial region
using a lattice-based self-consistent field model (see ref
1). In the second step, entanglement networks are
generated using the structural information derived in
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the first step (see ref 2). In the third step (present work),
a numerical technique is developed for minimizing the
free energy of a network specimen with respect to the
positions of all nodal points (chain ends and entangle-
ment points). The coarse-grained free energy of the
network incorporates excluded volume, dispersion at-
traction, and entropy spring terms. Furthermore, a
kinetic Monte Carlo scheme is developed and applied
at prescribed temperature and strain rate in order to
deform our network until fracture occurs.

In the present work we have shown the following: (a)
It is possible to mechanically relax coarse-grained
network specimens of solid polymers by minimizing a
numerically estimated free energy. Samples of uniform
density, exhibiting density fluctuations consistent with
their isothermal compressibility, are generated through
this procedure. (b) We can parametrize the coarse-
grained free energy function using experimental density,
cohesive energy, and elastic constant data. Furthermore,
we can parametrize the rate expression for elementary
slippage events in the network using experimental
viscosity data, and all parametrizations lead to consis-
tent and physically reasonable values. (c) We can apply
a tensile stress perpendicular to the interface and hence
deform a coarse-grained interfacial specimen at constant
strain rate, taking into account elementary mechanical
processes such as chain scission, chain slippage, disen-
tanglement, and reentanglement until breakage occurs.
(d) We can use the results of such simulations of highly
irreversible deformation processes to identify optimal
molecular design characteristics, e.g., the surface graft-
ing density that maximizes the work required for
interfacial fracture.

Simulating the deformation process is rather demand-
ing in CPU time. To produce the true stress—draw ratio
curve shown in Figure 10 at strain rate 1% we need four
to five weeks CPU time on a single-processor SGI
R10000 180 MHz workstation. The degree of difficulty
increases with the polydispersity index. In the present
work we have presented results on monodisperse speci-
mens. In ref 2, we have shown that a maximum is
observed in the number of entanglements between
grafted and free chains per unit area of the interface
for an optimal surface density of grafted chains. In our
present study, best adhesion is observed at similar
values of the surface density of grafted chains.

In conclusion, one can say that the observed results
are in good agreement with both available experimental
evidence and predictions from our previous work. More-
over, the procedure followed in this work in order to
track deformation to fracture of an entanglement net-
work is rather general; it can easily be applied to
polymeric systems of different chemical constitution and
topology.
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Appendix A

The first term of eq 19 (Kaiff = ko exp[—E*/kgT]) is
related to self-diffusion along the contour of the chain.
To get an expression for this self-diffusive term, we
describe self-diffusion along the chain contour with the
Rouse model.2” The Rouse model addresses the dynam-
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ics of polymers in an unentangled melt. A polymer chain
is represented by a set of beads connected by harmonic
springs. The dynamics is modeled as a Brownian motion
of these tethered beads, the environment of a chain
being represented as a continuum (viscous medium),
ignoring all excluded volume and hydrodynamic inter-
actions. The central assumption in the Rouse model is
that the dynamics is governed exclusively by local
interactions along the chain. In this model the self-
diffusion of the center of the mass of the polymer is
related to the friction constant (&) on a bead by

kgT
DRouse = NC (Al)
N being the number of beads per chain.
The longest relaxation time, 71, corresponding to the
time needed for the chain to travel a distance compa-
rable to its size, is estimated by

_ CNZbZ

= A2
37k T (A2)

7

where b can be identified with the Kuhn segment length
Ik.

Relaxation times are useful for studying viscoelastic
properties of polymers. In the context of Rouse model,
from 71 and other shorter relaxation times, we derive
an expression for the viscosity of unentangled melts?’

_ szN Nag

p being the mass density, Na being the Avogadro
number, and Mg being the molecular weight of a Kuhn
statistical unit.

By combining eqs Al and A3, we get an expression
for the Rouse diffusivity in terms of the viscosity:

2
_ _pb” ﬂ) 1
Drouse 36M0(17/N unentangledN (A4)

Equation Al and therefore eq A4 continue to describe
diffusivity along the contour (primitive path) in a long-
chain, entangled polymer melt (reptation model??). In
the picture we invoke in our network model, the center
of mass diffusivity along the contour is related to the
rate of jumps across entanglements (by distance k) in
each direction by

12
Drouse = kdiffﬁ (A5)

Hence, one must have

pb* (ﬂ) = Kol 2 ex [—E] A6
36MO 77/N unentangled oK P kBT ( )

The second term of eq 19 (Kgrag = ko exp[—E*/kgeT]-
(IkAFsiip)/ksT) is related to the force-induced dragging
of the chain. In this case the drag force is proportional
to velocity of motion of a segment through the rest. We
typically use a phenomenological law for the motion of
a segment:

Cudrag =AF (A7)

slip
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Udrag IS the velocity at which the segment is dragged,
and AFygipis the driving force.
In our model

udrag = kdraglK (A8)
and by combining with eq A3 and eq A7, we get

*

= kol , 2 exp[— E*1 (a9

pb? (RT

36M0 n/N)unentangled

kgT
It becomes clear from eqs A6 and A9, that “diffusion”
and “dragging” pictures lead to exactly the same result.
If one chooses b = Ik (as is done in this work), then both
eqs A6 and A9 simplify to
p_(RT
36M,

- Bl (10

=k, exp kT

77/N)unentangled

with (17/N)unentangled D€ING Molecular-weight independent
in the Rouse regime.

Appendix B

To estimate activation energy (E*) and thermal vibra-
tion frequency (ko), we need a model to describe the
temperature dependence of the viscosity (7). The melt
viscosity depends on molecular weight (M) and temper-
ature (T). There are no cross-terms between the de-
pendencies of  on M and T, however the M dependence
of  has the same functional form, regardless of the
value of T. The T dependence of » has the same
functional form regardless of the value of M. In the
Rouse (unentangled) regime we usually write2®
M
2T ~ 1) (B1)

Cr

where M, is an intrinsic property of a polymer called
the critical molecular weight.

For molecular weight M larger than Mg, the func-
tional form of the dependence of » on M changes to

M \34
2T ~ 1, (82)
cr,
A Williams—Landel—Ferry (WLF) model?8 is usually
invoked in order to give a fair description of the effect
of temperature on viscosity (»):

—Cy(T—T,
/2 P A S
'Og(nTg) C,+(T-Ty

(B3)

Ty is the glass temperature and C; and C, universal
constants1617 or constants estimated from experimental
data. According to eq B3, n/nt, should be a universal
function of (T — Tg), which is not confirmed by experi-
mental data. Van Krevelen'®25 has proposed a revised
viscosity—temperature relationship, which satisfies an
Arrhenius-type equation for high temperatures and
corresponds to a WLF-type relationship in the neighbor-

hood of Tg.
The general formula of this description is
T T
log 77”—() = A(_g — 1) (B4)
Ner(1.2Tg) T

If the glass temperature is known, we estimate #¢(T)
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by
0.052 — (8.5 x 10 )T,

g
(BS)

A and E, () are related by the following equation:1®

)

~ 2.3RT, (B6)

The rhs of eq A10 can be rewritten as

o [ RT \_ oMo [RT)_
36Mo\|n(T.M)N|  36M | 7e(T)
M,oR

Te —(Allog €)[(Ty/T)—1] (B7)

36 My 74, (1.2T,)

To derive the above expression we have used eq B1. M
(=NMyp) is the molecular weight of the chain composed
of N Kuhn segments (M should be smaller than M, in
order to use eq B1).
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